Local segmental relaxation properties of poly(methylmethacrylate) (PMMA) of varying molecular weight are measured by dielectric spectroscopy, and analyzed in combination the equation of state obtained from PVT measurements. The usual variation of glass transition temperature and fragility with molecular weight are observed. We also find, in accord with the general properties of glass-forming materials, that a single molecular weight dependent scaling exponent, γ, is sufficient to define the mean segmental relaxation time, τ α . and its distribution. This exponent can be connected to the Grüneisen parameter and related thermodynamic quantities, thus demonstrating the interrelationship between dynamics and thermodynamics in PMMA. Changes in the relaxation properties ("dynamic crossover") are observed as a function of both temperature and pressure, with τ α serving as the control parameter for the crossover. At longer τ α another change in the dynamics is apparent, associated with a decoupling of the local segmental process from ionic conductivity.
Introduction
The chain connectivity of polymers introduces complexities that make their behavior distinct from that of molecular liquids. For example, the uncrossability of long chains gives rise to entanglement constraints, which confer shear-thinning and marked viscoelasticity to the low frequency dynamics, effects generally absent in small molecules. On the other hand, the structural relaxation properties of polymers and molecular liquids are virtually indistinguishable. The dynamics of both materials exhibit a dramatic slowing down upon approach to the glass transition, which is unaccompanied by any marked change in structure or molecular configuration. A common structural relaxation property is the fragility, ( ) ( ) 1 Polymers tend to be somewhat more fragile (larger m) than molecular liquids, although there are exceptions.
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The fragility of polymers can vary with their molecular weight (M w ). For example, m increases with M w for polystyrene (PS), 3, 4, 5 poly(methymethacrylate) (PMMA), 6 polypropylene glycol (PPG), 7 and methyl-terminated PPG (which lacks H-bonds). 8 More flexible chain polymers, such as polydimethylsiloxane (PDMS) 9 and polyphenylmethylsiloxane (PMPS), 10 lack this sensitivity of m to M w . This is consistent with the observation that less flexible chains and those having bulky pendant groups tend to exhibit more fragile behavior. 11 This effect is ascribed to stronger intermolecular constraints for the latter, as effected also by crosslinking. 12 Although fragility quantifies the temperature dependence of the relaxation time,
since an isobaric temperature variation also changes the density, m provides no information about whether the dynamics are thermally activated or governed more by the volume changes accompanying changes in T. In particular for van der Waals polymers, shorter chains appear to allow easier segmental rearrangements, so that volume exerts a stronger effect for decreasing M W . 13 A method used to quantify the relative influence of temperature, T, and specific volume, V, on the structural dynamics is the ratio of the isochoric activation energy to the isobaric activation enthalpy,
log 1
convention evaluated at the glass transition. 14 This ratio varies between 0 and 1 for the limiting cases of volume-and temperature-dominated dynamics, respectively.
Compilations of E V /H P for many materials have been published. 15, 16, 17, 18 Very flexible chains, such as those with oxygen in the backbone, have low ratios;
for example, V P E H = 0.56 and 0.52, respectively, for PDMS and PMPS. As temperature is increased above T g , V P E H decreases. 13 This leads to an exceptional low value of 0.25
V P E H = for poly(2,6-dimethyl-1,4-phenylene oxide) (PPO), 19 which combines a flexible backbone and a unusually high glass transition temperature (T g =461.75K
).
An alternative approach to evaluating temperature and volume dependences is by thermodynamical scaling of relaxation times. 20 For each material there is a constant γ such that
This scaling behavior is observed very generally for non-associated organic glass-formers (the exceptions being materials with extensive hydrogen bonding). 21 Eq.
(1) can be derived from consideration of the T-and V-dependences of the entropy. 22, 23, 24 It follows from the idea that the repulsive part of the intermolecular potential dominates the local liquid structure, 25, 26 so that for local properties the potential can be approximated with a spherically symmetric, two-body interaction 27 ,28
where ε and σ are the characteristic energy and length scale of the system, r is the intermolecular distance, and n (=3γ). The mean-field parameter a describes the longrange attractive potential, which can be taken as constant when considering local properties, such as structural relaxation in liquids or the local segmental relaxation of polymers. Recent simulations of the glass transition have employed this inverse power repulsive potential. 25, 29 Molecular dynamic simulations of 1,4-polybutadiene, employing a potential given by the superposition of a 6-12 Lennard-Jones intermolecular potential and harmonic chain stretching and bending potentials, yields the scaling behavior (eq.(1)) with γ=2.8.
30,31
These results imply that for low molecular weight polymers, the potential is much closer to that of a monomer, approaching the spherically symmetric form of eq.(2), while for higher molecular weight the contribution of the intramolecular forces, modeled with additional harmonic terms, 21 is more significant. The effect of the latter is to reduce the steepness of the effective potential, with consequently lower γ for high molecular weight polymers.
There is a simple relation between the scaling exponent γ and the activation enthalpy ratio 20, 32 ( )
where In this work we measured structural relaxation times as a function of temperature and pressure, along with the equation of state, for three oligomers of PMMA. From these data we investigate the effect of chain length on the thermodynamical scaling and thus on the structural relaxation properties V P E H , γ, and fragility.
Experimental
The three hydrogen-terminated PMMA (from Polymer Standard Service) had degrees of polymerization (n) equal to 3, 7, and 10, with weight average molecular weights of M w =302 g/mol (trimer), M w =402 g/mol (tetramer), and M w =1,040 g/mol (decamer). The lower Mw samples were monodisperse, while the decamer had a polydispersity = 1.3. All samples were used as received Pressure-volume-temperature (PVT) measurements were carried out with a Gnomix instrument. 36 At room temperature solid samples were molded under vacuum into a cylinder, while liquid samples were injected directly into the cell. The temperature was raised at 0.5 K/min at various fixed pressures up to 200 MPa. The ambient density was measured by the buoyancy method for the decamer and tetramer and volumetrically for the trimer.
For the tetramer, ambient pressure Dielectric spectra ((10 -2 to 10 6 Hz)) were measured with a Novocontrol Alpha Analyzer using a parallel plate configuration.
Temperature was controlled using the Novocontrol Quatro cryosystem (± 0.01 K stability For these measurements at f<10 6 Hz, a closed-cycle helium cryostat with a helium atmosphere was used for temperature control to within ± 0.02 K. Measurements above 10 6 Hz employed a ESPEC SH-240 temperature chamber in a nitrogen atmosphere.
For dielectric measurements at elevated pressure, the sample was contained in a
Harwood Engineering pressure vessel, with hydraulic pressure applied using a Enerpac pump in combination with a pressure intensifier (Harwood Engineering). Pressures were measured with a Sensotec tensometric transducer (resolution = 150 kPa). The sample assembly was contained in a Tenney Jr. temperature chamber, with control to within ± 0.1 K at the sample.
Differential scanning calorimetry (DSC) employed a TA Instruments Q100, using liquid nitrogen cooling. Samples were cooled from the liquid state to below T g at 10 C/min. The absolute value of the heat capacity was obtained using a synthetic sapphire for calibration.
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Results
Dynamic crossover. Figs.1 (a) and (b) show representative dielectric loss spectra for the trimer and tetramer respectively, measured at atmospheric pressure. Comparing to spectra in the literature for high molecular weight PMMA, 38,39 a clear difference is evident in the dielectric strength of secondary relaxation relative to that of the α−relaxation. For high molecular weight PMMA the intensity of the secondary relaxation is larger than that of the structural relaxation, while for the oligomers it is much smaller, whereby it can be clearly resolved only in the vicinity of the glass transition. The effect of molecular weight and pressure on the secondary relaxation of PMMA will be discussed in detail in a subsequent publication; the focus herein is the α-relaxation.
The breadth of the α−peaks in Figure 1 decreases with temperature. A structural relaxation time (the most probable relaxation time, τ α ) can be defined from the maximum of the loss peak, with the latter determined by fitting the peak to an Havriliak-Negami function. 40 Any contribution from the secondary relaxation for the trimer and tetramer was neglected. For the decamer the spectra were analyzed using a single function only at higher temperatures where the secondary and structural peaks cannot be distinguished.
In Fig. 2a are the temperature dependences of τ α for the three oligomers, with the variation of T g over this range of M w evident A function to describe the temperature dependence of the relaxation time at constant pressure is the Vogel-Fulcher-TammanHesse (VFTH) equation 41, 42 ( )
where T 0 , the Vogel temperature, D, and τ 0 are constants. The validity of this equation is usually limited to temperatures close to the glass transition, since for shorter τ α (in the range 10 -4 -10 -7 s) a second VFTH is required. 43, 44, 45, 46, 47 This deviation from eq.(4), referred to as the "dynamic crossover", is revealed using the derivative function
log 1000
introduced by Stickel et al. 45 . T φ is a single straight line for data conforming to eq.(4). In Glass transition temperature. In Figure 4 is shown the variation of the glass transition temperature with M w as determined from calorimetry and dielectric measurements, using τ(T g ) = 100s for the latter (for the decamer extrapolation of the fitted VFTH equation was required). Also included in the figure are literature results from DSC measurements of Andreozzi et al. 57 . There is good consistency among the different measurements, with T g exhibiting a strong dependence on chain length for M w < 10 4 g/mol. Generally this dependence of T g on molecular weight is small for flexible chain polymers such as PDMS, 9 while more rigid or bulky polymers, for example polystyrene, have strongly M w -dependent glass temperatures. 11 The usual interpretation is that chain ends confer extra unoccupied space ("free volume"), which has a large influence on T g for a rigid or bulky chain. This role of chain ends on T g is corroborated by studies of bidisperse polymer blends. 58 From free volumes ideas Fox and Flory 59 derived an expression for the variation of the T g of linear polymers with number average of
where T g,∞ is the limiting value of the glass transition temperature and k FF is a constant dependent on the chemical structure. A more accurate empirical expression was proposed by Ueberreiter and Kanig (UK)
in which k UK is a constant.
In Fig.4 we show the fits of both equations, with the UK equation giving a better description of the data. The inset to fig.4 shows the change of the heat capacity at the glass transition ΔC P , versus M w , including some literature data. 57, 61, 62, 63 For low molecular weights (<10 3 g/mol), the heat capacity jump at the glass transition is constant within the limit experimental error, ΔC P = 0.35 ± 0. 
where
is the activation volume and R the gas constant.
Alternatively, the activation volume can be expressed as
) is the isothermal compressibility. Eq.(10) shows directly the relationship between τ and V. If the scaling (eq.(1)) is valid, it then follows that
where m V (T) is the T g -normalized temperature dependence at fixed V, which for T = T g is the isochoric fragility. Combining eqs. (10) and (11), the activation volume is related to the scaling exponent as
Since for a given material at fixed τ α (for example τ α (T g )) m V is a constant, 32 it follows that the T dependence of the activation volume at fixed τ α is determined by the product
If log(τ α ) varies non-linearly with pressure, an equation similar to eq.(4) with T replaced by inverse pressure has been found to accurately describe the pressure dependence. 18, 69 Using the analog of eq. (5) for the high pressure data 46, 70 
for volume-activated behavior φ P is a constant but otherwise varies linearly P. In Figures   5b and 6b is shown the function φ P calculated respectively for the trimer and tetramer. In both cases a dynamic crossover is observed, reflected in the change in behavior of φ P . For both materials this crossover occurs at a constant value of the relaxation time, τ c ~ 10 -4 s independent of pressure. Interestingly, this τ c is much larger than the relaxation time, τ B , at the crossover in the temperature dependence of τ α (Fig. 2) . Previously dielectric measurements on phenolphthalein-dimethylether PDE and polychlorinated biphenyls 46, 71, 72 and viscosity measurements on ortho-terphenyl and salol 70 indicated that the change in slope in φ P occurs at the same τ α (or viscosity) as the crossover occurring in φ T .
This correspondence between the crossover in φ P and φ T is also evident in the scaling properties (eq.(1)) for various glass-forming liquids. 32, 73 In the present case, however, the high pressure measurements are limited to frequencies below 10 6 Hz, so that the existence of a second crossover in φ P at the shorter τ Β cannot be tested. Supporting this supposition are previous cases 32, 46 in which the pressure dependence at the crossover changed from VFTH-like at low pressure to approximately activated behavior at high pressure; the PMMA data in Figs. 5b and 6b show the opposite behavior. By far the most common behavior is for log τ α (P) to be linearly proportional to P at low P. 
where β KWW is the stretching parameter ( 0
There is a general correlation between β KWW and m for atmospheric pressure, 2 with larger values of fragility associated with broader dispersions. Although within a given class of glass-formers the correlation is at least approximately valid, exceptions abound more generally. 94 For non-associated materials at elevated pressure, m usually decreases, 32 while β KWW is unchanged for conditions of T and P such that τ α is constant. 95, 96 In figure 8 we show spectra for the trimer and tetramer measured at different T and P chosen such that the τ α ∼ 10s. Good superpositioning of the peaks is found, in accord with the behavior of other glass-formers, both molecular and polymeric. 95, 96 The fit of eq. (14) (shown as solid lines in the figure 8) yields β KWW =0.52 for the tetramer and β KWW =0.55 for the trimer. Thus, the more fragile material has a smaller β KWW , in accord with the general pattern. 2 For the decamer the intensity of the secondary relaxation is relatively large, so that a distinct loss peak is never isolated away from the secondary relaxation. Since the T and P dependences of the relaxation times and intensities for the two peaks may differ, their deconvolution is necessary to accurately determine the shape of the local segmental peak. However, the proper method to deconvolute is controversial. 
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where a 0 , a 1 , a 2 , b 1 and b 2 are constants having the values listed in Table 2 . (By convention temperature is in units of Celsius.) Using the respective EOS τ α for each sample is obtained as a function of V (figure 9). As found for virtually all glass-forming materials, 18 the relaxation times are not defined solely by V. However, the data do superimpose when plotted versus the TV γ ( Figure 10 ). Also included in Fig. 10 are τ α for a high molecular weight PMMA (M w =1.5×10 5 g/mol) measured by Theobald et al. 61 We find that the scaling exponent decreases with increasing molecular weight: γ = 3.7, 3.2, 2.8 and 1.8 for the trimer, tetramer, decamer, and high polymer, respectively. In the case of high M w PMMA it is possible to determine the pressure dependence of T g from PVT measurements and estimate γ. The ratio E V /H P can be calculated using γ found by superpositioning the τ data. In the literature we found a somewhat lower value of γ = 1.25 was reported for a different high M w PMMA 100 ) but no details were provided concerning the molecular weight or tacticity of the sample used in that study.
For the trimer γ is close to the value for van der Waals molecular glass-formers such as orthoterphenyl (γ = 4), 101 propylene carbonate (γ=3.7), 102 cresolphthaleindimethylether (γ=4.5), 
Discussion
This study of local segmental relaxation in PMMA makes clear that chain length exerts a strong influence on properties, in particular the relative effect of T and V on the dynamics. In going from the trimer to the high polymer, the effect of volume is suppressed, as reflected in the decrease of γ from 3.7 to 1.8. Qualitatively we interpret this as due to a softening of the potential due to an increasing influence of the intra-chain potential. There is a concomitant reduction in the packing efficiency with M w , as seen in the increasing volume at the glass transition, V g , with M w (table 3) . These chain length dependences are consistent with the relative stiffness of the PMMA chain.
In Table 3 are listed the activation volumes for three oligomers and the high molecular weight PMMA polymer as obtained using eq. (12) . The larger ΔV # for the high polymer follows from its higher T g and larger κ T . The molar volume of the repeat unit in PMMA determined at T g using the equation of state (described below with parameters in 
with the scaling exponent γ S bears a relationship to the Grüneisen parameter, γ G , defined
The condition S TV γ = constant corresponds to a reversible adiabatic transformation reminiscent of an ideal gas. Interestingly, the scaling exponent for the relaxation times, γ τ , is about threefold larger than γ G , 22, 23, 24 due to non-configurational contributions to the entropy 0 S , from vibrational and local secondary motions, which do not affect structural relaxation.
It is reasonable to assume that in the liquid state during an isothermal volume change, the entropy change is purely configurational; that is, the unoccupied or "free" volume has to be removed before vibrational or local intramolecular motions are affected.
A simple parallel is that of a soft matrix containing hard particles -compressing the matrix is not expected to appreciably change volume of the particles. In this approximation then
where S liq is the total entropy of the liquid, S c the entropy in excess of that from vibrational or local intramolecular motions, and 0 S the non-configurational entropy. S c is calculated starting from the differential form
where we have used eq. (19) together with one of the Maxwell relations, and
Defining the Grüneisen parameter for S c , Sc
equation (20) can be rewritten as
If Sc γ and ΔC V are respectively independent of V and T, integration of eq. (22) in turn implies an entropy basis for the glass transition dynamics.
In Table 3 are the values of Sc γ calculated using eq. (21) . Since the PMMA are all atactic, there is no crystalline state and so the available reference is the glass. This approximation underestimates S c , since some configurational degrees of freedom may not be frozen in the glass (possibly manifest as secondary relaxations). Since V(T,P) data are unavailable for the samples below T g , we make the further approximation that g lass glass V P C C ; thus, we take
. The obtained γ Sc are larger than the values of γ that scale τ α ; however, both decrease in a similar fashion with increasing M w , unlike ΔC P , which is approximately constant. This variation with M w could be related to the increasing contribution of the secondary relaxation to the entropy, which contributes to an underestimate of ΔC V and S c . 106 Note that the difference between Sc γ and γ increases with M w , in parallel with the increase of the relative strength of the secondary relaxation. 107 The best known model for the glass transition is due to Adam and Gibbs, 108, 109 who predicted τ α to be a function of the product TS c . In typical measurements near the glass transition, τ α changes by ~ 8 orders of magnitude, while T changes ca. 20% and S c about two orders of magnitude. This implies that the dynamics are dominated by changes of S c . A variation on the model of Adam and Gibbs is due to Avramov. 110 We have
shown that from eq. (23) for the entropy, the following expression for τ α (T,V) is obtained
where A, B, D, and γ A are constants. This equation, shown in Fig.9 as solid lines, accurately describes the τ α over a broad dynamic range, with the obtained parameters given in Table 4 . The γ A determined from fitting eq.(24) are essentially equivalent to the γ obtained by superpositioning of the τ α data.
In assessing entropy models for polymers, there is a lack of connection between the magnitude of the heat capacity change at T g and the variation of fragility with M w . 64, 68 However, considering both the T and V dependences of S c (T,V), the calculated value of c S γ is close to that of γ, and has the same trend with changing M w . In fact c S γ depends inversely on the ΔC P and directly on the ratio α P /κ T , and in the same manner as γ, decreasing with increasing M w . The change of ΔC P from low to high M w is only ~10%, while the change of the ratio α P /κ T is about one-half, similar to the change in γ.
Application of eq. (5) indicates a crossover for the trimer and, more weakly, for the tetramer, at a relaxation time τ Β~1 0 7 Hz (fig.2 ). This crossover time was found to be independent of pressure in other materials, 46, 70 but that could be investigated herein because of limited dynamic range of the high pressure measurements. However, using eq.(13) a second crossover at much lower frequency τ α~1 0 -4 Hz is found (figs. [5] [6] . This pressure crossover transpires between the volume activated dynamics at short times (ΔV #~c onst) and the VFTH-like dependence at longer times (ΔV # increases with P). This is different from the pressure crossover behavior found previously, for which there was a correspondence between the relaxation times from eqs. (5) Using the derivation function (eq. (5)), we observed a crossover in the temperature dependence of the relaxation times at atmospheric pressure for the trimer and tetramer at τ Β~1 0 -7 s. However for the latter, this crossover is weaker, suggesting that for sufficiently high M w it may eventually "disappear". Unfortunately for high M w PMMA the substantial intensity the secondary relaxation precludes testing this supposition. Using eq. (13) we observe both the crossover around τ α ~ τ B , and a second crossover at much longer τ α (~10 -4 s). The latter does not seem to have a counterpart in the T behavior of φ T . However, at this same value of the relaxation time there is a decoupling between the conductivity and the local segmental relaxation (insert to Fig.3 ).
Finally, for the PMMA oligomers we find that the shape of the relaxation dispersion, as described using a KWW function, is constant for given value of the relaxation time; that is, the segmental dispersion is invariant to different thermodynamical conditions at constant τ α . Together with the scaling (eq.(1)), this means that γ determines both the relaxation time and the breadth of its distribution. , equations. The inset shows the change with molecular weight of the heat capacity at the glass transition from measurements herein and literature data, 57, 61, 62, 63 ; the dotted line is to guide the eyes. Table 3 . Thermodynamic parameters for the three oligomers and a high M w PMMA (n=1.5×10
3 ): glass transition temperature, T g ; isobaric expansion coefficient, α P ; isothermal compressibility, κ T ; specific volume at T g , V g ; activation volume at T g , ΔV g ; scaling parameter of the relaxation time, γ; ratio of the isochoric and isobaric activation energies (eq. (3)); change of the isobaric heat capacity at the glass transition; scaling parameter of S c estimated as γ sc =Vα P /κ T ΔC P . Fig. 9 ). Figure 11 
